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Abstract

A comparative study of the active deformation mechanisms in duplex stainless steel is
performed during straining with and without hydrogen charging. Interrupted tensile tests at an
equal strain level clearly show that hydrogen influences how plastic deformation is
accommodated. Slip planarity and martensite formation in austenite is observed for the
hydrogen charged condition while dislocation multiplication and cross-slip take place for the
uncharged condition. Three possibilities are put forward to explain the change: the reduction
in stacking fault energy by hydrogen, a shift with respect to what phase accommodates most
of the plastic strain and hydrogen pinning edge dislocations and thus restraining them to shift

to the screw dislocation type and cross-slip.
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1. Introduction

Duplex stainless steels (DSS) are two phase materials consisting of y-austenite (face centered
cubic (FCC)) and ao-ferrite (body centered cubic (BCC)). They are characterised by a
combination of excellent mechanical properties and corrosion resistance. In the last decade,
interest has increased in various industries, such as oil and gas, paper and chemical industry
[1]. The two phase microstructure leads to a very complex deformation behaviour. Ferrite
typically deforms by deformation slip due to its high amount of possible slip systems while
austenite can deform by different mechanisms such as dislocation slip, twin formation and
martensitic transformations depending among others on its stacking fault energy (SFE). The
SFE on its turn depends on the chemical composition of the alloy and the deformation
temperature [2]. For many alloying elements, the effect on the stacking fault energy is very well
established. Schramm et al. [3] e.g. compared seven commercial austenitic stainless steels
and concluded that Cr, Mn, Si, and N decreased the SFE while Ni and C caused an increase
of the SFE. Little works include the influence of hydrogen on the stacking fault energy. In a
recent paper [4], an overview is given of all available literature on the SFE in steels. The work
suggested a reduction of the stacking fault energy by hydrogen. Attempts were done in
determining this reduction quantitatively. Pontini et al. [5] measured a 37% reduction in AISI
304 austenitic stainless steel by XRD measurements and Robertson [6] found a 20% reduction
in SFE in AISI 310 austenitic stainless steel by in-situ TEM measurements. The latter author
reported that a 20% reduction will not increase the separation between partial dislocations in
such a way that cross-slip will be affected for this type of austenitic stainless steel. Changes in
deformation characteristics were, however, often observed under the presence of hydrogen.
Ulmer et al. [7] observed strain localisation in AISI 304 and 310 stainless steel under high
hydrogen concentrations. Whiteman and Troiano [8] observed a more faulted structure in an
electrochemically hydrogen charged austenitic stainless steel. Nibur et al. [9] observed
deformation localization in the form of slip bands in austenitic forgings. Impingements of these

slip bands with each other, with twins or grain boundaries were ideal initiation sites for cracks.

Apart from slip localisation, hydrogen-induced phase transformations have been reported in
austenite as well. In duplex stainless steels, transformation can be provoked by
electrochemical hydrogen charging. Sobol et al. [10] showed the formation of both ¢- and a’-
martensite through electron backscatter diffraction (EBSD) measurements after
electrochemical charging with deuterium. Glowacka et al. [11] observed the formation of a’-
martensite laths in austenite through TEM measurements. The formation of martensitic phases
during charging depends, however, on the severity of the applied conditions. The current
density should e.g. be high enough to create large surface stresses. Hydrogen charging can

also be executed without inducing phase transformations in duplex stainless steel [12], making



it possible to study the microstructural changes taking place during tensile straining. In the
present work, an experimental procedure was designed to obtain a first experimental
observation of the effect of hydrogen on the active deformation mechanisms during straining
of charged UNS S32205 duplex stainless steel. The effect of internal hydrogen was compared
with a combination of internal and external hydrogen absorbing during straining. Electron
backscatter diffraction (EBSD) was used as powerful tool to study the influence of the

hydrogen/material interaction on deformation and transformation [13, 14].
2. Materials and methods

The present study was performed on an as-received UNS S32205 DSS plate with a thickness
of approximately 0.8 mm. The composition of the steel was according to the expectations for
the grade as illustrated in Table 1. Alternating layers of austenite and ferrite were present along
the rolling direction [1]. The phase fractions were more or less equal. The sample surface was
prepared by standard metallographic methods including grinding and polishing. OP-U (colloidal
silica, 0.04 um) was used as final step. This resulted in a specimen thickness of 0.75 -
0.77 mm.

Table 1: Chemical composition of UNS S32205.

W1t% C Cr Ni Mo Mn Si Other
UNS Cu 0.200, P 0.027,
S32205 0.022 | 22.850 | 5.500 | 3.070 | 1.810 | 0.320 C00.162, N 0.173

To introduce hydrogen into the steel, electrochemical hydrogen charging was performed at a
constant current density of 0.8 mA/cm?in an 0.5 M H>SO4 electrolyte solution containing 1 g/l
thiourea to reduce the recombination to H». Platinum foils were used as anode. Charging was
performed for 24 hours. Based on hydrogen diffusion coefficients found in literature, ranging
from 2.2x101* m?/s to 6.4x10** m2?/s, no homogeneous hydrogen concentration was reached
through the entire thickness [15, 16, 17, 18]. This is represented schematically in Figure 1 for
the 2.2x10* m2?/s value based on the solution of the Fick’s one dimensional second law for
diffusion. The applied experimental methodology in this work, however, only required
increased hydrogen concentrations in the near-surface region. The total hydrogen content
charged into the steel with the applied conditions was measured with a Galileo G8 set-up
operated with an impulse furnace and a thermal conductivity detector. Several specimens with

dimensions 8x6x0.76 mm3 were melted at a temperature of 1550°C.
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Figure 1: Normalized hydrogen distribution over the cross section of the specimen after
precharging for 24 and 168 hours. The part of the specimen used as thin foil for TEM is

indicated.

The mechanical behaviour of hydrogen charged and uncharged DSS was tested by means of
slow strain rate tensile tests. The tensile samples were machined along the rolling direction
and showed a dogbone geometry with a total length of 120 mm and a gauge section with a
length of 10 mm and a width of 4 mm as illustrated in Figure 2. The rounded parts had a radius
of 3 mm. The tensile tests were executed at a constant cross-head displacement speed of
0.6 mm/min, which corresponds to a strain rate of 1x102 s. The uncharged tests were
performed in air. These tests were compared to specimens which were hydrogen charged for
24 hours and tested either ex-situ, i.e. in air, or in-situ, i.e. with continuous hydrogen charging
during the tensile test. Based on the obtained stress/strain curves, interrupted tensile tests
were additionally designed to compare the active deformation mechanism in the hydrogen

charged and air conditions. The tests were interrupted at 26% of engineering strain.
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Figure 2: Tensile geometry (numbers in millimeter)

EBSD was used to study the microstructure on the normal direction (ND) plane (gauge part)
of the interrupted tensile tested specimens. EBSD measurements were executed on a FEI
Quanta-450 FEG scanning electron microscope (SEM) using a tilt angle of 70° and a step size
of 0.07 um for the larger scanned areas and 0.02 um for the detailed scans both on a
hexagonal grid. TSL-OIM Data analysis V7.3 software was used for post processing and

analysis of the crystallographic orientation data.



TEM (JEOL JEM-2200FS) was performed to study stacking faults. For this purpose, the
material was strained to 3% in order to create an adequate amount of not interacting splitted
dislocations as was also done in the work of Reick et al. [19]. Both uncharged and charged
specimens were strained for comparison. Charging lasted for 168 hours to have a large
hydrogen affected region as indicated in Figure 1 (168 hours H). Straining of the hydrogen
charged specimen was done ex-situ. The location of the thin foil created after charging and
subsequent straining is indicated on Figure 1 as well. The TEM was operated with an

accelerating voltage of 200 kV and a spot size of 1.5 nm.

3. Results
Figure 3 shows the engineering stress as a function of engineering strain for the uncharged
and charged tests. The total hydrogen content charged into the steel after 24 hours of charging
was 113.8 £ 5.8 wppm. Two tests were conducted for each condition, clearly demonstrating its
reproducibility. Based on the most critical condition, i.e. the in-situ tested specimens, an
engineering strain of 26% was chosen for the interrupted tests to identify the effect of hydrogen
on the active deformation mechanism. These interrupted tensile tests are also included in the
figure. Hydrogen charging resulted in a loss in ductility which was most pronounced for the in-
situ tested specimen. Moreover, an increase in the yield strength was observed while the work

hardening rate was not affected by the presence of hydrogen.
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Figure 3: Engineering stress as a function of engineering strain for uncharged
UNSS32205 DSS compared to 24 hours hydrogen charged and in-situ or ex-situ tensile
tested specimens

Figure 4 shows the EBSD measurements on the ND surface of the interrupted tensile tests.
The initial state, without hydrogen charging and deformation, is included as a reference. Both
image quality maps and phase maps are shown. The difference in austenite phase fraction on
the phase maps compared to the 50/50 ratio can be understood in terms of the investigated
plane lying parallel to the elongated structure, which leads to either ferrite richer or austenite
richer zones at the surface. Figure 5 shows a detailed EBSD measurement of a deformed
austenite grain on the interrupted in-situ hydrogen charged specimen. An image quality map,
inverse pole figure map and phase map are presented. Moreover, several pole figures are
included of specific crystallographic directions with respect to the sample reference system.
These were constructed by first creating a partition based on crystal orientation with a maximal
deviation of 5°. The orientations are indicated on the inverse pole figure map. High angle grain

boundaries (>15°) are indicated in black in both figures.

Clear differences can be observed in the deformation characteristics of the austenite phase.
The specimen strained in air had a homogeneously increased dislocation density. In the
hydrogen charged conditions, slip planarity was observed in the austenite grains. This was
more pronounced in the in-situ tested specimen as indicated by the white arrows in Figure 4.
Moreover, martensitic phases were additionally detected in both hydrogen charged cases. For
the ex-situ tested specimen, only e-martensite was detected. For the in-situ tested specimen,
the martensitic phases consisted of both e-martensite, the largest fraction, and a’-martensite
inside the formed e-martensite zones. Although o’-martensite is crystallographically
undistinguishable from ferrite in EBSD scans, the location of a BCC phase inside the formed
HCP phase, visualised in more detail in Figure 5, confirms the assumption that the a’-phase
formed during deformation. In both cases, the additional martensitic transformations did not

lead to an increase in work hardening. Since the transformation took place in the near-surface



region only, the martensite that formed was not able to change the macroscopic tensile

behaviour.
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Figure 4: EBSD measurements showing image quality and phase map on (a) initial state,
(b) interrupted tensile test in air, (c) ex-situ interrupted tensile test and (d) in-situ

interrupted tensile test, the white arrows indicate planar slip
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Figure 5: Detailed EBSD measurement on hydrogen charged and in-situ deformed
austenite grain. Various pole figures are included.

A TEM study was performed to visualize stacking faults and subsequently relate a possible
reduction in the stacking fault energy with the change in deformation mechanism. Figure 6
shows TEM images of an air strained and hydrogen charged and strained specimen. Various
stacking faults were observed. Some of them are indicated by white arrows. In both cases, the

stacking faults were very large and interacted with grain boundaries and/or dislocations.

(a) (b)

Figure 6: TEM images of stacking faults (some of them indicated with white arrows) after
straining of DSS in (a) air and (b) with hydrogen charging (ex-situ tested), A = austenite

grain, F = ferrite grain



4. Discussion
Hydrogen absorbed in the microstructure of UNS S32205 had a pronounced influence on its
macroscopic tensile behaviour. As expected, a distinct loss in ductility and toughness was
observed when hydrogen was present [20, 21, 22]. Although hydrogen occupied only a limited
region from the surface onwards as indicated in Figure 1, the effect on the tensile behaviour
was significant. High surface concentrations are thus very detrimental. When hydrogen was
continuously charged into the steel during straining, the ductility loss was even more
pronounced. Hydrogen can in this case directly adsorb at critical locations in the steel
microstructure and cause crack initiation and/or propagation. However, the increased
hydrogen concentration applied during the precharging procedure is still required to observe
the ductility drop since no ductility drop is present after in-situ straining without precharging.
Apart from the ductility loss, hydrogen charging also increased the macroscopic yield stress.
Zakroczymski et al. [20] similarly found this strengthening of DSS upon hydrogen introduction
with an increasing effect for higher hydrogen concentrations. The authors did not provide an
explanation for this observation. The increase might be attributed to hydrogen pinning
dislocations (solid solution strengthening) [23, 24] and/or to an increased dislocation density
created during charging. Concerning the latter argument, high internal stresses are present in
duplex stainless steels as a result of the thermal treatment needed to create equal phase
fractions at room temperature [25]. Upon introduction of hydrogen, dislocation sources start
creating new dislocations due to a reduced shear modulus. Moreover, the newly emerged and
already existing dislocations migrate in the steel microstructure when hydrogen is present [12,
26]. No phase transformations occurred during the charging procedure [12]. The increase in
yield stress is equal for both hydrogen charged testing strategies indicating that internal
hydrogen is responsible for the increase. Both proposed mechanisms can be linked to the
observation. Most likely, the reason for the increased yield stress is thus a combination of both

mechanisms.

Furthermore, a detailed study was executed on the potential differences on the microscopic
scale via EBSD measurements. The initial state, an interrupted test in air and two interrupted
tests in hydrogen charged condition (ex-situ and in-situ) were compared in Figure 4. Both slip
planarity and the formation of martensitic phases can be explained by the inability of
dislocations to cross-slip. As there is a general consensus that the SFE can be linked to certain
microstructural deformation features in FCC alloys [4], one explanation for the change in
deformation mechanism towards more planar slip is a SFE reduction by hydrogen. Stacking
faults were therefore studied via TEM and were observed in large numbers both in air and
hydrogen charged condition. Since stacking faults should be in equilibrium in order to measure

their width accurately and correlate this width to the SFE, reliable stacking faults cannot interact



with dislocations, other stacking faults or grain boundaries. In the case of interaction with these
features, the stacking faults do not develop to their equilibrium length which is determinant for
the SFE [27]. The size of the stacking faults in both cases and their clear interaction with grain
boundaries makes conclusions on their energy not reliable in the present alloy. Reick et al. [19]
were, however, able to determine a value for the SFE of a 2205 DSS via dislocation nodes
observed with TEM and found 10 mJ/m2. The authors did not perform any hydrogen charging
to quantify the influence of hydrogen on the stacking fault energy. They additionally concluded
that although the found value is rather low, the deformation behaviour was not as expected
leading to martensitic phases because ferrite mainly contributed to the deformation at high
strains. This was concluded by the authors since an increasing number of austenite grains
stopped participating in the deformation process at high strain values. It could therefore be
argued that in the present hydrogen charged case, ferrite might be embrittled to a large extent
leading to more accommodation of plastic strain by the austenite phase and hence martensitic
transformations. Together with a reduction of 20-40% in SFE, as indicated in the introduction
for austenitic stainless steels, this could explain the large change in observed deformation
mechanism. Additionally, the inability to cross-slip can be explained by the pinning of edge
dislocations by hydrogen atmospheres. Ulmer et al. [7] stated that hydrogen atoms are
preferably attracted to the stress field of edge dislocations. Since a transition to the screw type
is needed to cross-slip, the pinning of edge dislocations inhibits cross-slip. This hydrogen effect
was already shown in aluminium where dislocation cross-slip was halted by the introduction of
hydrogen visualised with TEM [28].

Ex-situ tested specimens showed the same tendency towards slip planarity and martensitic
transformations as the in-situ tested specimens, however, to a lesser extent. The
transformation of e-martensite to a’-martensite e.g. did not yet proceed in the ex-situ case. All
three proposed mechanisms depend on the local hydrogen concentration in the steel
microstructure with higher hydrogen concentrations promoting slip planarity and martensitic
transformation. During an ex-situ test, hydrogen is able to desorb, resulting in a reduced
tendency to transform. During in-situ testing, on the contrary, hydrogen is additionally added
to the microstructure, especially at highly stressed regions, leading to an increased tendency

to transform.

Finally, a closer look was given to the mechanisms of the martensitic transformations.
Crystallographic orientation with respect to the loading direction is a very important aspect for
the formation of martensite. Not every austenite grain in Figure 4 has an equal tendency to
form martensitic phases. The austenite grain in Figure 5 contains annealing twins with a
different orientation compared to the parent grain that are free of martensite while the parent

grain underwent martensite transformations. The formation of e-martensite happens by the



gliding of Shockley partial dislocations on every second {111}, plane [2]. The Shoji-Nishiyama
orientation relationship is established between austenite and e-martensite, i.e. {111},//{0001}¢
and <110>,//<11-20>¢[2, 29]. The former is visualised by the first and third pole figure (figure
4) in which a clear overlap of the [0001]; pole with one of the <111>, poles was observed. One
single variant of e-martensite was formed in the austenite grain in figure 4. The formation of ¢-
martensite is, however, an intermediate step towards the formation of a’-martensite. Yang et
al. [29] elaborated on the formation of a’-martensite out of single ¢-laths during the y—e—a’
martensitic phase transformation in 304 stainless steel. It is energetically preferred to nucleate
ao’-martensite inside preformed e-martensite laths rather than in the y-matrix. However, in most
cases, a’-martensite nucleates at the intersection of two e-martensite laths and the mechanism
is rather well established. Yang et al. [29] concluded that the nucleation in one e-martensite
lath follows the same mechanism. Moreover, the Kurdyumov-Sachs orientation relationship is
obeyed, i.e. {111},//{0001}¢//{110}¢ and <110>,//<11-20>¢//<111>¢ [2, 29]. The pole figures in
the present case show the same trend. The [0001]: pole can be found in all pole figures. The
twin orientation relation, i.e. 60°<111>, is established by the shared pole with both martensitic

phases.

It could be interesting to study the influence of the martensitic transformations on crack
initiation and propagation. It is debated in literature whether martensite formation is critical in
the explanation of hydrogen embrittlement occurring in austenitic steels. Various authors state
that the martensitic transformation is responsible for hydrogen embrittlement [30, 31].
Martensite formation at the crack tip is also stated to aid the propagation of cracks [32]. In
contradiction, other authors mentioned that martensite formation is neither necessary nor

sufficient to explain the observed hydrogen embrittlement of austenitic steels [33].
5. Conclusion

Uncharged and hydrogen charged interrupted tensile tested specimens of UNS S32205 DSS
were investigated to evaluate their active deformation mechanisms. Planar slip and both ¢- and
a’-martensite were detected in the austenite phase of the hydrogen charged specimens being
more pronounced for in-situ testing compared to ex-situ tensile testing. Both phenomena were
absent in the case of uncharged specimens. This could be explained by a reduction in SFE
accompanied with a shift in which phase accommodates most of the plastic deformation. Also,
the additional pinning of edge dislocations by hydrogen atmospheres inhibiting cross-slip
contributed to the large difference in observed deformation mechanism. The austenite to

martensite transformation happened in correspondence to established mechanisms.
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